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Fibre-matrix bond strength studies of glass,
ceramic, and metal matrix composites

D. H. GRANDE*, J. F. MANDELL, K. C. C. HONG
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An indentation test technique for compressively loading the ends of individual fibres to pro-
duce debonding has been applied to metal, glass, and glass—ceramic matrix composites; bond
strength values at debond initiation are calculated using a finite-element model. Results are
correlated with composite longitudinal and interlaminar shear behaviour for carbon and Nicalon
fibre-reinforced glasses and glass—ceramics including the effects of matrix modifications,
processing conditions, and high-temperature oxidation embrittiement. The data indicate that
significant bonding to improve off-axis and shear properties can be tolerated before the longi-
tudinal behaviour becomes brittle. Residual stress and other mechanical bonding effects are
important, but improved analyses and multiaxial interfacial failure criteria are needed to
adequately interpret bond strength data in terms of composite performance.

1. Introduction

The bond strength between fibres and matrix is an
essential property of all composite materials, and con-
siderable resources are being invested in controlling
interface or interphase strength and environmental
stability in most types of advanced composites. Among
the many obstacles to progress in this area has been a
lack of adequate experimental techniques for quan-
titatively determining bond mechanical properties.
Additionally, the fundamental relationships between
bond chemistry and microstructure, bond mechanical
properties and composite performance are not well
established. This paper describes an experimental
technique and associated analysis which has been used
to determine the in situ fibre—matrix bond strength
in typical as-processed polymer, ceramic, and metal
matrix composites. Results are given for several metal,
glass, and glass—ceramic matrix composites of current
interest, and correlations with composite behaviour
are explored in several cases.

1.1. Interface test methods

Provision has been made for adequate fibre—matrix
bonding in most established composite systems in the
absence of any direct, quantitative measure of bond
strength. Judgements as to bond quality are usually
based on composite properties or the fractography of
failed specimens to observe surfaces and pull-out
lengths. However, the complexity of composite mech-
anical properties and fracture processes makes this an
unreliable approach, particularly for systems such as
ceramic composites which require bond strength
optimization rather than maximization. In a few
cases, such as some metal matrix systems [1], it may
be possible to observe debond initiation in a conven-
tional composites test such as transverse tension, then

calculate the bond strength from micromechanics; how-
ever, for most composite systems a debonding con-
dition for typical interfaces cannot be observed in this
manner prior to composite fracture, so that special-
ized test methods are required.

Several direct approaches have been used to deter-
mine the fibre-matrix bond strength in various types
of composites. Fibre pull-out tests are possible in cases
where an individual fibre can be embedded in matrix
in a controlled manner, then tested without breaking
the fibre. This is usually limited to materials in which
the matrix can be easily cast, as for wires in cement [2],
or glass rods in resin discs [3]. Techniques for casting
a very thin resin disc [4] or bead [5] around a small-
diameter fibre have been successful in a few cases. The
pull-out test can be used to determine the bond
strength from the stress conditions when debonding
initiates, as well as the frictional sliding resistance as
the debonded fibre is pulled through the matrix [3].
Pull-out tests are not widely used due to problems
with scatter and specimen preparation [4, 5]. Other
embedded single-fibre models have been shown to
produce bond failures for some material combinations
due to Poisson’s ratio mismatch or particular shapes
[6].

The second major approach is based on the work of
Aveston, Cooper and Kelly (ACK) [7]. Their approxi-
mate formulations treat multiple cracking in tension of
a matrix with more extensible fibres or multiple failure
of fibres with a more extensible matrix. In each case,
measurements of saturation spacings for fibre breaks
or matrix cracks can be used to calculate the load
transfer at the interface. The load transfer parameter
has been taken as a bond strength in a widely used test
developed by Drzal [8] for single fibres in extensible
polymer matrices. In brittle-matrix glass and ceramic
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TABLE I Matrix compositions and properties assumed in analysis and residual stress calculation*

Fibres

Nicalon £ = 200; G = 77; o = 32 (20 to 650°C),

HMU and P55 carbont E. = 379; E., E,, G, = 14;
Matricest E, G
Borosilicate 68 28
1723 Glass 88 36
BMAS III 106 43
CAS 1 88 36
LAS III 88 36
Aluminium 72 28
Epoxy 2.8 1.0

Compositions {major constituents)

Code 7740 borosilicate glass [26]: B,0;, SiO,

Code 1723 aluminosilicate glass [26]: Al,OQ,, MgO, CaO, SiO,
LAS glass—ceramic [26}: Li,O, Al,O,, MgO, SiO,, Nb,O;
BMAS glass—ceramic [26]: BaO, MgO, Al,0s, SiO,

CAS glass—ceramic [27]: CaO, Al,,0,, SiO,

Nicalon ceramic-grade fibre [28]: -SiC, SiO,, C

39.3 (20 to 1093°C)
vy = 0.25;

v, = 02; o = 101

Oy AT
32 600
52 600
27 1130
50 1230
15 1030

240 500

650 156

*Units: E, G: GPa, oz 1077 (°C) ™!, AT °C (cooling range from solidification); matrix properties are from Chyung [24] except for epoxy and
aluminium. ¥ (fibre volume fraction) = 0.35 to 0.40. v is Poisson’s Ratio.

*The Hertzian solutions for the transversely isotropic materials and finite-element mesh (FEM) solutions assume the same elastic constants
for carbon [25]. All carbon fibres are assumed to have the same elastic constants except for a varying E..

¥ All materials are unidirectional composites; they were supplied by Corning Glass Works except for: carbon—borosilicate (UTRC),
carbon—aluminium (DWA Composite Specialties, Inc., Chatsworth, CA, USA).

systems the matrix crack spacing has been correlated
with indentation measurements of frictional sliding
resistance for Nicalon-LAS (see Table I below) by
Marshall [9]. Current efforts at improving the micro-
mechanics treatment of cracking problems in ceramic
composites should further establish the relationships
between matrix cracking and interface properties [10].

A third approach to bond characterization has been
indentation tests, where individual fibres [9, 11, 12] or
groups of fibres [13] are compressively loaded on a
polished surface to produce debonding and/or fibre
slippage; these will be described in detail later.

Analysis for most of the bond strength tests has
been very limited. The interfacial shear stress, which is
usually the parameter of interest, is assumed in most
cases to be uniformly distributed along the fibre
length. While this assumption may be acceptable for
the sliding of an already debonded fibre [11], or where
the fibre, matrix, or interphase has yielded, the stress
distribution in pull-out or indentation tests is very
non-uniform for cases where the materials are elastic
and well bonded prior to interface failure. Further-
more, residual stresses from differential thermal
expansion, matrix yielding or crystallization shrink-
age have not been considered.

(a) (b)

1.2. Interface effects on composite properties
The interface plays a critical role in transferring loads
throughout a composite, so most composite proper-
ties show some bond strength sensitivity. However,
several properties are of particular significance for
the metal, glass, and ceramic composite systems of
interest in this study. Fig. 1 illustrates three critical
aspects of composite behaviour which are generally
recognized to depend strongly on the interface. In
Fig. 1a, the off-axis and shear properties of most com-
posites are expected to correlate directly with bond
strength if other parameters are unchanged; empirical
correlations are well known for polymer [14] and
metal [15] matrix systems, and similar results are
found for glass and ceramic matrices [16], as will be
described in more detail later. Initial damage in most
composites applications occur in this manner, whether
in unidirectional or multidirectional materials, so the
interface is likely to directly limit the clastic range
within which most composites are used in practice.
An equally important factor for glass and ceramic
matrix composites in Fig. 1b relates to toughness and
flaw tolerance. If the interface is too strong, it is
generally recognized [7, 10, 17] that when matrix
cracks form normal to the fibres, they will propagate

Figure 1 Schematic diagrams of composite properties dominated by the interface: (a) off-axis and shear strength, (b) flaw tolerance
(debonding or matrix crack deflection to prevent matrix crack penetration through the fibres), (c) resistance to the onset of macroscopic
matrix cracking in longitudinal tension: propagation of matrix crack with bridging fibres.
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in a planar mode through the fibres, giving brittle

behaviour similar to that in monolithic glasses and
ceramics. Behaviour in the desired fibrous, flaw-
tolerant manner associated with polymer composites
requires that high-modulus, brittle-matrix systems
have a sufficiently low bond strength that fibres will
debond before cracks propagate through them, or that
matrix cracks (or cracks penctrating from off-axis
plies) deflect parallel to the fibres as is most often
observed with polymer matrices. The need for a strong
bond for off-axis and shear properties clearly conflicts
with the poorer bonding needed for toughness.

Associated with the debonding requirement in
Fig. 1b is the tendency in systems without strong
bonding to form matrix cracks normal to the locally
debonded fibres in glass and ceramic matrix systems,
indicated in Fig. lc. The stress at which significant
matrix cracks form in unidirectional specimens loaded
in tension parallel to the fibres limits their practical use
conditions (in multidirectional composites it is likely
that delamination or cracking in off-axis plies would
occur at lower strains than this [18]). As described
earlier, the opening of large matrix cracks is resisted in
part by work done against friction as the matrix slides
relative to the unbroken, bridging fibres [7]. Thus,
both the tendency to initiate debonding and the subse-
quent resistance to sliding of the matrix relative to the
fibres appear to be important factors in determining
the working stress range of some glass and ceramic
matrix materials. Increases in the initial matrix crack-
ing strain consistent with the ACK relationships [7]
have been shown for several systems {7, 19].

To summarize, the strength of the interface is
expected to play a dominant role in the off-axis and

shear properties, with a higher bond strength giving
higher composite strength up to some limit such as the
local matrix strength. However, for glass and ceramic
matrix composites the longitudinal behaviour may
become weak and brittle if the bond strength is too
high. The frictional sliding resistance of debonded
fibres is of importance in determining the onset of
significant matrix cracking in longitudinal tension for
some brittle-matrix systems.

2. Test method

The technique used to measure bond strength in this
study is based on a microdebonding test method and
apparatus developed in several stages for polymer
composites [12, 13]. Details of the test procedure and
analysis are described elsewhere [12]. Fig. 2 gives
schematic diagrams of the apparatus and loading. To
determine the bond strength, a selected fibre is loaded
in steps of increasing force, with the bond viewed
optically between steps, until debonding is observed.
The measured debonding force is divided by the fibre
cross-sectional area to obtain the average applied
compressive stress on the fibre end at debond initi-
ation. The interfacial shear strength is then calculated
from the applied stress, using results from the finite-
element analysis which will be discussed later.

The microdebonding apparatus in Fig. 2a is con-
figured as a stage in a research-quality optical micro-
scope. The apparatus has one station for loading and
a second, optical station for viewing at about 900 x .
At the viewing station fibres are selected for testing,
located under a cross-hair and observed after each
loading step for evidence of interface failure. Debond-
ing usually appears suddenly over part of the fibre
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Figure 2 Schematic diagrams of (a) micro-
debonding apparatus, (b) loading detail,
(c) finite-element model for single fibre
(from [12)).
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circumference at a particular load level. The specimen
is on a conventional rotating stage which has been
modified with magnetic stops for increased precision
in positioning at the viewing and loading stations. The
load is applied by raising the specimen against the
probe using the microscope focus knob; the applied
load is detected with a modified, strain-gauged exten-
someter which also provides the desired compliance in
the load train (about 0.03mmg~") for soft contact.
The probes used in this study had a ground diamond
tip with a radius of about 13 um for Nicalon systems
and 10 um for the carbon systems. The load is main-
tained at the desired level of each loading step for
about 5sec; load increments used here are less than
10% of the total debonding load. The current appar-
atus allows repeated load positioning within 1 um of
the fibre centre, and load increments as small as 0.1 g;
vibration isolation of the entire system is essential.
Further details of the apparatus may be found else-
where [12, 20, 21].

Specimen preparation follows conventional metallo-
graphy techniques, but a smooth surface is essential,
and differential wear of the fibres and matrix must be
avoided in the final stages. Specimens in this study
were polished to 0.25 um diamond grit on a silk cloth
in alcohol and lapping oil. Nicalon—LAS III was the
only material for which polishing was a problem. The
‘relatively high residual radial tensile stress and the
particular interphase characteristics for this system
result in chipping and debonding near the interface as
the specimen is polished. This problem is reduced with
the finest diamond grit in dilute concentrations, so
that the interface appeared to be intact for those
individual fibres which were selected for testing. How-
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Frictional sliding

ever, further study of specimen preparation methods
for the LAS III systems is planned, so that data
presented here should be interpreted with caution.
In addition to the bond strength measurement
described, a second approach originated by Marshall
[9] can be used to determine the frictional sliding
resistance between the debonded fibre and the matrix,
by applying higher loads and compressing the fibre
into the specimen surface. Fig. 3 depicts both modes
of loading along with a third, similar method using a
thin slice of material as reported for large-diameter
filaments by Langhner efal. [22]. The thin-slice
method is similar to pull-out tests [3], and provides a
straightforward interpretation of the behaviour
during indentation loading tests: as the load on the
fibre is increased, the behaviour is elastic until the
bond fails and the force drops to a lower level; further
displacement is then resisted by the frictional sliding
resistance as the fibre slides relative to the matrix. As
with thick specimens, meaningful calculation of the
initial bond strength requires a detailed stress analysis
due to the very non-uniform elastic stress field, while
the frictional sliding stress is usuvally assumed to be
uniformly distributed along the interface. With conven-
tional specimens which are very thick relative to the
fibre diameter, the frictional sliding resistance can be
calculated following Marshall’s original approach [9]
using the fibre end displacement determined when the
probe contacts the matrix hole circumference (Fig. 3b).
The calculation by Marshall [9, 11] requires assump-
tions as to the lower boundary condition at the end of
the debonded length, since the actual debonded length
cannot be determined directly. The thin slice has
the great advantage for frictional measurements of

Figure 3 Schematic diagrams of inden-
tation techniques for measuring fibre—
matrix bond properties: (a) bond strength
calculated from elastic stress field at
debond initiation (thick specimen), (b)
interface sliding friction after debonding
(thick specimen), (c) thin slice.



providing a known debonded length, but sufficiently
thin slices are difficult to properly prepare and test for
small-diameter fibre systems.

The microdebonding test apparatus in Fig. 2 can
be used to determine both the bond strength and
frictional sliding resistance as shown in Figs 3a and b.
However, the current rounded probe-tip geometry and
the absence of accurate probe-displacement measure-
ment reduce the accuracy in the frictional sliding
mode as compared with the nanohardness apparatus
recently reported by Marshall and Oliver [11]. Most of
the results obtained in the present study are for bond
strength, and only a few comparisons of frictional
sliding resistance will be made.

The interfacial sliding friction, 7z, given in this
study was calculated following Marshall [9] as

T = 0aD;/4Ly ey

where L, = 2E;L/o, and Ly is the (calculated)
debonding length, L is the distance the fibre was dis-
placed into the matrix, and o, is the average stress
applied to the fibre end to achieve a displacement L.

3. Analysis
The microdebonding test is run on individual selected

fibres on a polished cross-section. The surroundings of

A

oY

an individual fibre usually include a region of matrix,
with neighbouring fibres located at various distances,
distributed in a variety of arrangements ranging from
close-packed to random and dispersed. A full three-
dimensional analysis of the stress field generated by
the probe loading would be prohibitively expensive if
the actual neighbouring fibres were modelled for each
test. Instead, the diameter of the tested fibre and the
distance to the nearest-neighbour fibre are recorded
for each test on a micrograph, and a very simplified
axisymmetric (cylinder) model is used which includes
the fibre, surrounding matrix, and average composite
properties beyond the matrix. Fig. 2¢ shows the model
geometry, and Fig. 4 gives a typical finite-element
mesh arrangement.

Studies of the effects of mesh and overall model
geometry as well as the probe—fibre contact problem
have been reported [12, 23] for polymer matrix systems.
The maximum shear stress along the interface was
shown to be insensitive to the area contacted by the
probe and to the effective probe stiffness as long as the
contact area does not approach the interface. The
original finite-element results were encouraging in
indicating that the probe contact details should not be
a problem, and that specimen surface preparation
should not influence the results if failure initiated
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below the polished surface at the point of maximum
shear stress (Fig. 3a). These observations from the
finite-clement studies led to the subsequent develop-
ment of the current microdebonding apparatus [12, 20].
Results for polymer composites obtained with the
apparatus generally conformed to expectations based
on the finite-element study, with a few exceptions to be
discussed later.

Finite-element results have now been obtained
using the same analysis for a broader range of material
systems, particularly higher-modulus matrices. Figs 5
to 8 give the stress distributions along the interface for
four cases with significantly different properties; all
of the solutions are for a typical ratio of matrix thick-
ness to fibre diameter, T, /D;, of 0.4. The fibre and
matrix properties assumed in the analysis are given in
Table I, while the composite properties assumed in the
far-field were calculated following micromechanics
relationships and are given elsewhere [21]. All finite-
element results given here assume linear elastic behav-
iour and do not include thermal residual stresses. The
loading in all cases is assumed to be a distributed
pressure over the inner 50% of the fibre diameter,
while the stresses are normalized in all cases by o,, the
total probe force divided by the cross-sectional area of
the fibre (the average pressure applied to the fibre
end).

Fig. 5 gives the test case where the fibre and matrix
have the same isotropic elastic constants. The finite-
clement results are compared with those from the
analytical Hertzian solution for a point load on a
half-space with imaginary fibre boundaries [29]. The

SPECIMEN SURFACE

finite-element results agree well with the Hertzian
solution despite the slightly different loading. The
results in Fig. 6 are for Nicalon (SiC) fibres in an
aluminosilicate glass matrix, and are typical of results
for Nicalon fibres in the LAS ITI, BMAS IIl and CAS
I glass—ceramic matrices. The isotropic Nicalon fibres
have an elastic modulus about twice as high as for the
matrices, and the stress distributions are very similar
to the isotropic homogeneous case in Fig. 5. The
normalized stresses in the composites are slightly
lower in general, and the radial stress at the free
surface appears to remain compressive as compared
with a significant tension in Fig. 5. (The results in
Figs 5 to 8 are plotted only to the centre of the outer
elements at the surface.) In both Figs 5 and 6 the
maximum shear stress occurs at a distance of about
0.4 D, below the surface, while the radial stress in this
region is compressive and of a similar magnitude to
the shear stress. It is anticipated that debonding will
occur in the Nicalon systems at the point of maximum
shear stress, and that the radial compressive stress
may be high enough to strongly affect the bond
strength.

Figs 7 and 8 show major differences in the stress
distributions for glass and epoxy matrices reinforced
with carbon fibres. The carbon fibres are assumed to
be transversely isotropic with the elastic constants
given in Table I, and the carbon—glass results are very
similar to those for carbon—aluminium. Comparison
of Figs 6 and 7 for similar glass matrices but with
Nicalon and carbon fibres shows that the directional
properties of the carbon fibres significantly reduce

Figure 5 Stress components along imaginary interface
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SPECIMEN SURFACE Figure 6 Interfacial stress components for
Nicalon ceramic fibre—1723 glass matrix
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Figure 7 Interfacial stress components for HMU carbon fibre—borosilicate glass matrix system.
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SPECIMEN SURFACE

Figure 8 Interfacial stress components for carbon fibre-
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most of the stress components, and spread out the
stress transfer process further along the fibre length. A
low-modulus matrix like epoxy has a similar effect
with isotropic fibres [12] as well as with carbon fibres
(Fig. 8, note expanded scale). The stresses for carbon—
epoxy are uniformly lower than those for the carbon-
glass in Fig. 7. The maximum radial compression is
significantly lower than the maximum shear stress for
both carbon fibre systems, but in the carbon-glass a
radial tensile stress appears as the free surface is
approached. A tensile component at the surface is
generally noted when the matrix modulus exceeds the
fibre radial modulus.

The radial tensile stress component near the free
surface has been used as a failure criterion for debond-
ing in carbon fibre systems with high matrix moduli,
including glass and aluminium. However, further

TABLE II Effect of fibre spacing on maximum normalized
interfacial shear stress from finite-element analysis

Composite system (G,/E)"* Maximum normalized

shear stress, 7,,,, /0,

T, /D

0.10 0.40 1.0
Carbon—epoxy 0.062 0.060 0.043 0.034
E-glass—epoxy 0.124 0.133  0.098 0.073
Nicalon—1723 0422 0275 0246 0.219
Nicalon-BMAS 0.462 0.286  0.260 0.232
HMU carbon—borosilicate  0.274 0.108  0.094 0.090
PS5 carbon—aluminium 0.275 0.101  0.092 0.088
Hertzian isotropic 0.620 (0.279)
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refinements in the analysis are required to adequately
treat the free-surface problem, and the accuracy of
stresses in this area is uncertain. Of even greater uncer-
tainty is the effect of thermal and other residual
stresses which are not included in these results, but are
expected to be very significant near the free surface
based on preliminary finite-element results obtained
for several cases. Data which are likely to be most
strongly affected by residual stresses will be noted as
they appear.

The effect of fibre spacing on the experimental
results was not accurately predicted by the finite-
element model for polymer composites, and an empiri-
cal correction was used to account for the moderate-
spacing effect [12]. This appears to be much less of a
problem for higher modulus matrices as indicated in
Table II. The maximum shear stress is affected much
less by changes in the matrix layer thickness for all the
higher modulus systems as compared with E-glass or
carbon—epoxy. For convenience, the fibre spacing has
been ignored for the data presented in this paper, and
a typical value of 0.4 for T, /D; is assumed.

Despite uncertainties about residual stresses and
radial tension in some cases, results for the normalized
maximum interfacial shear stress, ,,,/04, are given as

-a function of G, /E; (matrix shear modulus/fibre axial

modulus) for a variety of material systems in Fig. 9,
and these values are used to reduce the experimental
data for the various material systems. The upper line
is fitted to data for isotropic fibres with various iso-
tropic matrices. Approximate shear-lag analyses [12]
predict a linearly increasing t,,,, with (G, /E;)"” as the
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matrix increases in relative stiffness, which is approxi-
mately true for the three epoxy matrix cases. However,
as the matrix shear modulus approaches that of the
fibre, the relationship becomes non-linear, eventually
approaching the Hertzian homogeneous isotropic sol-
ution asymptotically. The curve with open triangles is
for a carbon fibre with 276 GPa axial modulus with
varying matrix moduli (the same off-axis properties
are assumed for all carbon materials, Table I). As G,,
increases, the directional carbon fibre properties
greatly reduce the maximum shear stress relative to
that for isotropic fibres. Higher-modulus carbon fibres
(Nos 7, 8 and 9) with the same 28 GPa matrix shear
modulus (equal to the assumed fibre G, ) show a
further decrease in 1,,, as the axial fibre modulus
increases (other fibre elastic properties are kept con-
stant). The reduction in t,,, due to the carbon fibre

clastic constants is similar to that obtained for a
Hertzian point load on a homogeneous, transversely
isotropic half-space [30] shown by the closed circles.
The transversely isotropic elastic constants result in a
distortion of the stress field along the fibre axis which
is retained in composites with relatively stiff matrices.

Calculations of the bond strength in this study
assume either a maximum interfacial shear stress
criterion or a maximum radial tensile stress criterion,
ignoring other stress components and residual stresses
in both cases. The interfacial shear strength, 1y, is
calculated from

@

where o555 1s the average pressure applied to the fibre
end at debonding, and (t,,,, /04 ey is the ratio of the
maximum shear stress to applied pressure from Fig. 9.
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TABLE III Interfacial shear strength and sliding friction for
Nicalon-reinforced glass and glass—ceramics

Matrix Interfacial shear Sliding friction,
strength (MPa) average (MPa)
Average S.D.

1723 glass 236 38.6 143*

(alumino-silicate)

LAS III 56 22.5 32

BMAS III 60 11.7 5.5

CAS1 249 393 -

*Calculation invalid; sliding friction calculated from matrix crack
spacing in tension gives 6.9 MPa.

For cases with a tensile radial stress at the surface, the
interfacial tensile strength was calculated from

€)

where (6%, /0 )Jrem 18 the ratio from the FEM analysis
of the maximum radial tensile stress (at the surface) to
the applied pressure. In all cases the FEM results are
for a ratio of matrix layer thickness to fibre diameter
of 0.40.

0pes = OpEs(Tmax/0a)JFEM

4. Experimental results and discussion
4.1. Resuits for control samples

Tables IIT and IV list bond strength results for as-
received control samples of materials used in this
study, tested under ambient conditions; fibre and
matrix compositions and properties are identified in
Table I. The only significant experimental problems in
running the tests were with polishing of the Nicalon—
LAS IIT as described earlier, and with some systems
discussed later which had bond strengths of 800 MPa
or more. Fibres can crack under the probe if the bond
strength is very high or if the fibre has weak directions,
as with carbon. Splitting of carbon fibres is a problem
if very small probe tip radii are used, but few problems
were encountered with tip radii of 10 um or more.
Standard deviations for most cases were 10 to 20% of
the mean, which is not significantly higher than for
most macroscopic composite properties; the higher
scatter for Nicalon-LAS III may reflect the surface
preparation difficulties. At least 10 tests were run for
each case.

Data for the Nicalon systems in Table III show
several interesting effects. All systems are determined
to have a significant bond strength. The two systems
with lower bond strength, LAS IIT and BMAS III,
have relatively low matrix thermal expansion coef-
ficients, while the two systems with high bond strength
have high matrix expansion coefficients, as will be
discussed in more detail later. All of these materials
have a high radial compressive stress in the region of

maximum shear stress, as shown in Fig. 6; this may be
increased or decreased by residual stresses depending
on the system. The compressive radial stresses from
the combined mechanical and thermal residual effects
are expected to increase the resistance to bond failure
in shear, but multiaxial failure criteria are not yet
available.

Despite the wide range of measured bond strength
values for the four Nicalon fibre systems, all have
relatively high longitudinal composite flexural
strengths exceeding 750 MPa [24]. The mechanical
properties of the LAS III [31] and 1723 [18, 21] com-
posites have been studied in greater detail, and both
show longitudinal tensile strengths exceeding
700 MPa and strains at failure exceeding 1%. Fibre
pull-out lengths on the fracture surface for the LAS II1
systems (> 50D, [28]) are much greater than for the
1723 system (10 to 20D [18]), reflecting the different
bond properties and residual stresses, but having little
influence on the longitudinal strength or toughness.

Interfacial sliding friction values for three of the
Nicalon systems are also given in Table III, calculated
from Equation 1. The value for the LAS III material
is close to that reported by Marshall [9], and the
BMAS IIT is in a similar range. The frictional value
calculated for the 1723 system is very high, but it is not
valid since it violates the assumptions inherent in
Equation 1 due to the high bond strength and short
apparent debonding length [11]. A value of frictional
sliding resistance for the 1723 system calculated
following Aveston et al. [7] from the saturation matrix
crack spacing in tension of 100um [18] is about
7 MPa, much lower than that in Table III. Similar cal-
culations from matrix crack spacing for LASIII [9, 32]
are in agreement with the indentation-derived frictional
values. These results suggest either that frictional
sliding resistance is strongly affected by the stress
field difference at matrix cracks, or else that severe
problems exist with indentation friction measure-
ments for systems like the 1723 glass having a high
matrix thermal expansion coefficient. Indentation
tests with very thin slices might resolve this dis-
crepancy by providing a more meaningful value of
sliding friction using the known debond length. The
high indentation friction value calculated here for the
1723 system could be due entirely to a high bond
strength at the lower boundary of the debonded
length, which is assumed to be zero in Equation 1 [11].

Bond strength values calculated for the carbon-fibre
systems in Table IV appear to be dominated by the
radial tensile stress at the surface except for the typical
epoxy matrix system. Detailed interpretation of the
results for the aluminium and glass matrices is not

TABLE 1V Interfacial shear and tensile stresses at debonding for carbon fibre composites

Material Maximum interfacial shear Radial tension at

stress (MPa) surface (MPa)

Average S.D. Average S.D.
Carbon—epoxy [12] 44.0 57 - -
HMU-borosilicate 10.2 2.3 17.3 3.9
P55-6061 aluminium 39.3 14.1 68.8 24.7
P55-2024 aluminium 27.9 5.3 48.8 9.3
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justified until the apparently high free-surface residual
thermal stresses are included in the analysis, and non-
linear yielding effects may also be important with the
aluminium matrix systems. The probable importance
of residual stresses for these systems as well as the
Nicalon—LAS III is evident in very preliminary finite-
element runs which include thermal effects.

Fig. 10 gives raw debonding force data as a function
of fibre cross-sectional area, A;. for the Nicalon—
BMAS IIT and 1723 materials. It is implicit in the data
reduction scheme that the debonding force should
scale with 4, giving a constant ¢, at debonding. This
is strongly violated with polymer matrices for very
closely spaced fibres, while fibres greater than 0.3D;
apart typically follow the expected trend [21]. The very
limited data for the systems in Fig. 10 are plotted
without regard to fibre spacing, and show a variation
with A; which is in better agreement with the linear
prediction than was found with carbon—epoxy [21].
Thus, the effects of fibre spacing appear to be much
less significant for the higher-modulus composites, as
predicted by the finite-element results (Table II). The
raw data trends tend to justify the very simplified data
reduction scheme used in this study, but further analy-
sis and testing are currently being pursued. Those
systems with greater residual stress effects are also
expected to show a more significant influence of near-
neighbour fibres, but this has not yet been empirically
established.

4.2. Effects of processing temperature

It was noted earlier that the longitudinal behaviour of
glass and ceramic matrix composites is expected to
become weak and brittle if the bond strength is too
high. This general perception has been confirmed
quantitatively in a series of Nicalon—1723 glass matrix
samples which were processed at various tempera-
tures, supplied by Corning Glass Works. Like other
successful Nicalon-reinforced glass and glass—ceramic
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composites, this system has been reported to forma 10
to 20 nm thick carbon-rich layer at the interface if the
processing temperature is sufficiently high [28, 33].

Fig. 11 gives Corning data [24] for the longitudinal
flexural strength as a function of processing tem-
perature, together with results for the bond strength.
At low processing temperatures an adequate carbon
layer does not form [33] and the bond strength is very
high, in some cases beyond the capacity of the micro-
debonding apparatus; the flexural strength is very low,
and the composite behaviour is brittle under these
conditions. At processing temperatures between 900
and 1000° C the flexural strength is only slightly higher
and the behaviour relatively brittle, despite the fact
that most of the interfaces have dropped to a much
lower strength. However, some localized regions of
very high bond strength are still found, usually on the
order of 1 mm? or less in extent, and these regions
cause the poor composite behaviour. Processing tem-
peratures of 1100°C and above result in the gener-
ation of 10 to 20 nm thick carbon layers and uniform
bond strengths below 300 MPa. The composites are
strong and tough, showing fibrous fracture surfaces
[33]. The moderate-reduction in flexural strength at the
highest processing temperature probably results from
fibre degradation during processing. The effects
shown in Fig. 11 are due to changes in chemical bond-
ing, since the matrix coefficient of expansion is not
changed by altering the processing temperature. The
results confirm that very high bond strengths do cause
weak, brittle behaviour, but it is also evident that
excellent behaviour can be obtained with bond
strengths as measured in the microdebonding test
which are very substantial in magnitude.

4.3. Embrittlement at high test temperatures

In elevated-temperature mechanical tests in air it has
been widely reported that Nicalon-glass—ceramic
systems develop a brittle, flat fracture region near
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Figure 12 Cross-section of
Nicalon~-BMAS TIII block con-
ditioned for 12h at 1000°C in
air prior to sectioning, showing
(a) as-moulded surface and (b)
ground surface (average D; =
13.5 pym).
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exposed tensile surfaces in the 1000° C temperature
range [18, 28, 34, 35]. The origin of this embrittlement
has been associated with oxidation [36] of the carbon
interface layer leading to fibre degradation and/or the
formation of a strong bond at the interface [28, 34].
The Nicalon-BMAS system shows the embrittlement
effect, which causes a loss in tensile and flexural
strength and failure strain [18, 28]; the formation of a
new bridging interphase layer after oxidation of the
carbon layer has been reported [28].

The embrittlement effect has been investigated for
Nicalon-BMAS by determining the bond strength
distribution through the thickness after exposure. In
the first example, a block of material was conditioned
with one as-moulded surface (with a glass layer out-
side the matrix and fibres) and the other surface
ground with a 300 grit diamond wheel, as shown in
Fig. 12. After conditioning for 12h at 1000°C in
air the block was sectioned, and the bond strength
measured across the section. Fig. 13 indicates that the
fibres on the protected as-moulded surface and on the
interior did not change in bond strength from the
as-received control material. However, the bond
strength increased dramatically as the ground surface
was approached, reaching levels beyond the capacity
of the apparatus in some cases. The depth of pene-
tration of the oxidation effect varied from location to
location, and Fig. 13 is a summary of all measure-
ments. No microcracking was observed beyond about
the first layer of fibres, so it appears that the oxidation
spreads from fibre to fibre at points of near-contact, as
well as along the fibres. Tests near the exposed end of
a specimen conditioned for 3 h at 1000° C showed high
bond strengths across the entire cross-section at a
tested depth of about 0.5 mm from the exposed surface,

but the depth of oxidation tunnelling along the fibres
has not been explored in detail.

Similar data are given in Fig. 14 for a tensile speci-
men tested to failure at 1000° C, which showed an
embrittled surface layer [18] (the data are from a
cross-section away from the fracture surface). The
specimen (with ground surfaces) was at the test tem-
perature for about 3h prior to testing, and shows a
similar depth of penetration of the oxidation effect
to Fig. 13; the depth of the brittle layer was also
of similar magnitude. No significant bond strength
changes were found in specimens tested at 600 and
800° C after conditioning for 3 h. Efforts to measure
the frictional sliding resistance of fibres in the oxidized
zone were not successful due to the same high bond
strength and short debonded length problems discussed
earlier for Nicalon—-1723.

The oxidation embrittlement results are consistent
with those from low processing temperatures with
Nicalon—1723. In both cases very high bond strengths,
exceeding 500 MPa in many cases, gave rise to brittle
composite behaviour. Under these conditions, the
first significant matrix crack to form propagates
through the composite, breaking the fibres and
causing brittle fracture. This is not observed when the
bond strengths uniformly measure below 300 MPa.
The applicability of the high-temperature embrittle-
ment findings to other matrix systems is uncertain.
Microscopy studies of oxidized interfaces in Nicalon—
LAS III have not shown a clear formation of new
bridging material after removal of the carbon as
found with BMAS III [28]. Efforts to determine the
sliding resistance of oxidized Nicalon—LAS III have
shown higher forces but a dependence on exposure
conditions [37]. :
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4.4. Effects of matrix modification

The bond strength values given in Table IV for
carbon-borosilicate glass material are low, and efforts
have been made to increase bonding by modification
of the matrix. Samples from the study reported in {19]
were supplied by United Technologies Research
Center (East Hartford, Connecticut) with a control
composition (Code 7740 borosilicate, but without
Al,O,) and with additions of AlLO,, Nb,Os, and
MoQ,. Fig. 15 gives bond strength values obtained on
these systems (both tpes and ofg) plotted against
composite interlaminar shear strength data supplied
by United Technologies (other data for these systems
are given by Prewo and Nardone [19]). The results
indicate a substantial increase in bond strength for
several of the matrix additions. The bond strength
increases also appear to have increased the composite
shear strength, but considerable scatter is evident. As
noted ecarlier, thermal residual stresses near the free
surface are likely to have a major effect on the inter-
pretation of bond strength measurements for this
material system, but the alterations to matrix chemistry
should not have changed the residual stress pattern, so
that the observed effects are due to chemical bonding
changes.
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Figure 15 Effect of matrix modifications on bond strength and composite interlaminar shear strength for HMU carbon-borosilicate.
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4.5. Correlations with thermal expansion
mismatch and composite shear strength

The composite off-axis and shear strengths are critical
properties in determining the damage-free working
stress range for typical composite applications. As
discussed earlier with reference to Fig. la, the fibre—
matrix bond strength is expected to corrclate with
these composite properties, although many other
factors may also be important including flaw size
and fibre content, alignment and dispersion. Unidirec-
tional composite shear strengths can be determined
conveniently for cases which fail in a shear mode by
the short-beam shear strength (SBSS) test (ASTM test
method D4475) pictured in the inset of Fig. 16. The
composite shear strength as determined in this test
with a span-to-depth ratio of 5 is given for the
Nicalon-reinforced systems in Fig. 16, along with the
data from Fig. 15 for carbon—borosilicate. Failure did
not always occur by a simple shear crack parallel to
the fibres, and invalid tests are indicated, generally for
those Nicalon—1723 systems in Fig. 11 with some inter-
face regions having bond strengths above about
275 MPa. The failure modes for the CAS I and LAS
III systems were transitional, with mixed compression
and shear zones.

There is a general trend of higher composite shear
strength with higher bond strength in Fig. 16. Stronger

trends are evident for the two systems with varying
bond strength from changes in processing (Nicalon—
1723) and matrix composition (carbon—borosilicate);
the bond strength variations in both of these systems
are due to changes in chemical bonding, since the
thermal expansion coefficients are unaffected. For
consistency, the calculated 75 is used for the carbon—
borosilicate system rather than the higher values for
the radial tensile strength criterion. The data in Fig. 16
are clearly separated into two groups, those with
o, > o, having lower calculated bond strength, and
those with o, > «, having higher bond strength,
where a,, and «, are the matrix and radial fibre thermal
expansion coefficients from Table I.

A nominal measure of the radial thermal residual
stress (away from the free surface) can be taken as that
for a single isotropic fibre embedded in a cylinder of
matrix. In the limit of a very thick matrix layer, the
nominal residual pressure at the interface, o7, is given
by Southwell [38] (originally from Lamé in 1833) as

O-;es = (am - OC,)(—AT)Em /[(1 + vm)

0= v %} @

where E, and «, are taken as the Young’s modulus
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and thermal expansion coefficient, respectively, of the
fibre in the radial direction for carbon fibres. Fig. 17
gives the bond strength for the Nicalon—glass and
glass—ceramic systems (processed under control con-
ditions) plotted against the nominal residual stress. It
should be noted that the residual stresses near the
polished surface will be higher in most cases, and will
include a significant residual shear stress (based on
preliminary finite-element solutions). Furthermore, the
radial residual stress on the interior will be affected by
“the discrete arrangement of neighbouring fibres, as sol-
utions for fibre arrays have shown [39]; the sign of the
residual stress can change in some fibre arrangements.
The results in Fig. 17 show the very significant effect
of thermal residual stresses on bond strength measure-
ments. If any chemical bond strength differences
between the different materials in Fig. 17 are ignored,
then the residual stress effect on the measurement is
given approximately by the slope of the trend line

160 — 0.890,, )

TpEp =

Included in this effect is likely to be a coupling
between the residual stress and the mechanical radial
stress (Fig. 6). A residual compressive radial stress
apparently permits the application of a higher mech-
anical probe force, which in turn generates an even
higher radial compression, further suppressing bond
failure. A more complete solution to the residual stress
field and a better understanding of the effects of the
radial stress magnitude on debonding are required
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before an improved interpretation of these results is
possible.

The results in Fig. 17 suggest a very strong influence
of mechanical bonding effects on the measured bond
strength. However, Figs 11, 13 and 15 indicate that
similar or even greater variations are also possible
from chemical bond changes in the absence of signifi-
cant changes in residual stresses. Fig. 18 represents an
attempt to offset the nominal residual stress effects
evident in Figs 16 and 17 by shifting the bond data
along the trend line in Fig. 17 (Equation 5) to coincide
with the carbon-borosilicate residual stress value of
(+) 58 MPa from Equation 4. This results in a shifted
bond strength, 75, for the Nicalon systems following

e = Tpes — 0.89(58 — o) )

Despite the uncertainties in bond strength interpre-
tation which limit confidence in this treatment, Fig. 18
does appear to provide an improved correlation with
the composite shear strength over Fig. 16, particularly
for the systems where the chemical bonding was
varied. This suggests that composite off-axis and shear
strengths may be most strongly responsive to chemical
rather than mechanical bond improvements, which is
reasonable considering that the actual residual stress
fields around fibres in closely packed regions may
show very different values from Equation (4) [39].
The general trend of Fig. 18 is consistent with
similar plots for carbon—epoxy composites {14], and a
similar plot was given by Phillips [16] for carbon-



Figure 18 Composite short-beam shear strength
against bond strength which has been shifted to
offset nominal residual stress trend from Fig, 17,
o referenced to + 58 MPa residual stress for carbon-—
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borosilicate and carbon-LAS, where the bond

strength was deduced from work-of-fracture measure-
ments. In the absence of any bond strength, the com-
posite interlaminar shear strength (7, g5) will still have
a lower limiting value which can be approximated by
a brittle matrix with cylindrical pores [40] (in the
absence of larger flaws), giving approximately

12
TiLss = [1 - (ilif) :|Tm (7
b

where 1, is the neat matrix shear strength. For a
reasonable matrix shear strength of 100 MPa and a V;
of 0.40, Equation 7 gives a composite lower bound
interlaminar shear strength of 29 MPa. This is in
reasonable agreement with the intercept in Fig. 18.
The curve fitted to the carbon—borosilicate and
Nicalon-1723 system data for which the chemical
bond strength was varied shows an increase in Ty g
with increasing bond strength of

Tuss = 23.8 + 0381k, (8)

The individual Nicalon—glass-ceramic points fall to
the right of the trend line fitted to glass matrix
systems, possibly due to overshifting of the bond
strengths from uncertainty about the coefficient of
expansion data at high temperatures, or due to
inherent effects of crystallization.

5. Conclusions

The microbonding test apparatus can be used to com-
pressively load selected fibres in typical as-processed
polymer, metal, and ceramic matrix composites to
determine the force necessary to initiate debonding.
In some cases the frictional sliding resistance of

debonded fibres can be determined by applying higher
forces. A bond shear or tensile strength value can be
calculated from a simplified micromechanics finite-
element analysis, but further study is required to
establish interface failure criteria and to include
thermal residual stress effects.

The results indicate that very high bond strengths,
above 500 MPa in the microdebonding test, cause
weak, brittle composite behaviour in longitudinal ten-
sion and flexure. For bond strengths below 300 MPa,
composites are strong and tough (as long as the fibres
are not degraded during processing), and the tensile
strength is not greatly affected by bond strength vari-
ations. Bond strengths above 500 MPa can result from
strong bonding developed during processing in the
absence of a weak interphase layer. Another cause of
excessively strong bonding and embrittlement is
oxidation of carbon interphase layers during high-
temperature air exposure, if oxidation is followed by
the formation of a new interphase layer with strong
bonding, as with Nicalon-BMAS III.

Composites with strong, tough longitudinal proper-
ties still show a great deal of variation in off-axis and
shear properties due to moderate changes in bond
strength from variations in matrix chemistry or
processing conditions. Increases in bond strength
correlate with increases in composite interlaminar
shear strength over a significant range, and the data
suggest that chemical bonding is of the greatest impor-
tance. Residual stresses have a strong effect on the bond
strength values determined with the microdebonding
apparatus, but their significance (and that of other
mechanical bonding effects) for composite behaviour
can only be clarified through the development of
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multiaxial interface failure criteria and improved
analyses.
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